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a b s t r a c t
As a primary material of the thorium molten salt reactor (TMSR) that is a suitable candidate reactor
of the Generation IV nuclear reactors, GH3535 superalloy was successfully welded. The effect of laser
beam welding (LBW) on microstructure evolution of fusion zone (FZ) and heat affected zone (HAZ), such
as element segregation, precipitate behavior and grain evolution, was investigated. The microhardness
and tensile properties were tested and discussed. The results of microstructure evolution showed that a
number of ﬁne M6 C-␥ eutectic phases precipitated at solidiﬁcation grain boundaries and interdendritic
region in FZ. Compared to base metal zone (BMZ), the grain size of HAZ has no obvious change. While
a few of M6 C-␥ eutectic phases were observed in partially melted zone (PMZ) of HAZ. The results of
microhardness indicated that the hardness of FZ was higher than that of HAZ and BMZ. The results of
tensile test showed that the ultimate tensile strength of joints at room temperature, 650 and 700 ◦ C were
98%, 97% and 99% of that of BM, respectively. All the tensile specimens of joints failed in BMZ rather than
in PMZ where M6 C carbides had been transformed into M6 C-␥ eutectic phases.
© 2016 Published by Elsevier Ltd on behalf of The editorial ofﬁce of Journal of Materials Science &
Technology.

1. Introduction
With the improvement of requirements for safe and reliable
nuclear energy, developing next generation nuclear reactors is
attracting more and more attention in recent years. The molten
salt reactor (MSR), which possesses inherent safety, simpliﬁed fuel
cycle and high power generation efﬁciency[1,2] , is one of the most
promising Generation IV nuclear reactors. The MSR will be able not
only to produce electric power, but also to allow re-burning of fuel,
deep burning, and nuclear transmutation of radioactive wastes[3,4] .
Although the MSR has a great number of advantages, its structure
material must encounter challenges of high-temperature environment and molten ﬂuoride salts corrosion[5] . In the 1950s and
1960s, Oak Ridge National Laboratory (ORNL) of USA had developed
Hastelloy N for the molten salt reactor experiment (MSRE)[6,7] , but
the MSRE had been suspended in the 1970s. In recent years, the MSR
caught the attention of researchers again. Chinese have been de-
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veloping the thorium molten salt reactor (TMSR) from 2011[8] ,
and GH3535 superalloy (UNS N10003) was identiﬁed as the primary structure material for TMSR. Both GH3535 and Hastelloy
N superalloy are solid solution strengthening nickel-based alloys
with excellent high-temperature molten salt corrosion resistance,
radiation resistance and oxidation resistance[9,10] .
Welding is an essential and crucial technology during components manufacture. Many premature failures of components were
related to welding problems[11,12] , such as existence and propagation of micro-cracks, formation of detrimental precipitates and
higher residual stress in the joints. In addition, the unacceptable
components were fabricated due to large distortion of welding
structure with unsuitable welding methods. Consequently, many
advanced welding methods were invented to achieve high quality
joints and safe welding structures. With the availability of high
power laser, laser beam welding is considered as an attractive
joining technique due to much smaller distortion and higher
welding speed. The conventional welding method applied in
GH3535/Hastelloy N superalloy was gas tungsten arc welding
(GTAW). Some researchers[13–16] had studied the microstructure
and mechanical properties of joints by GTAW, and they found that
a great number of eutectic phases with large size had been formed
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in heat affected zone (HAZ), which may be harmful. Moreover, it
had been reported that the eutectic phases were related to the
formation of hot cracking[17] . Compared with GTAW, laser beam
welding (LBW) with high power density has its own advantages[18] ,
such as high welding speed using low heat input, the ability to
make a narrow fusion zone (FZ) and HAZ, which achieve lower
residual stress and distortion. In addition, the precipitates and
micro-segregation may be depressed due to rapid cooling. Those
characterizations provide an incentive to study whether laser
beam welding could provide some advantages in welding GH3535
superalloy for TMSR. However, there are few research papers that
study laser welded joints of GH3535 superalloy. Our previous
research[19] focused on the effects of post weld heat treatment on
microstructure of laser FZ and tensile properties at 650 ◦ C. We had
found that precipitates were hardly observed in as-welded FZ, and
the tensile strength of as-welded laser joints made with low carbon
(0.018 wt% C) GH3535 superalloy was just 86% of that of base metal
(BM) at 650 ◦ C. In order to improve the creep strength of GH3535
superalloy, the carbon content of GH3535 superalloy has now been
increased to about 0.05 wt%. However, there are no research paper
to comprehensively study the microstructure and mechanical
properties of laser welded joints in this type GH3535 superalloy.
In this work, the microstructure of FZ and HAZ, such as element segregation, precipitate behavior and grain evolution, were
characterized and discussed by a series of appropriate analysis
methods. In addition, the microhardness and tensile properties
were tested. Furthermore, the relationship of microstructure evolution and mechanical properties was discussed. This study will
facilitate the application of laser welded GH3535 superalloy in
nuclear power industry.

Fig. 1. Microstructure of GH3535 superalloy: (a) optical micrograph of microstructure, (b) scanning electron micrograph of microstructure.

testing results. The heat input energy of laser beam welding can be
calculated according to the equation below[23] :

2. Material and Experimental Procedures

Q = P/(V × d)

The raw materials of GH3535 superalloy were ﬁrstly cast by
vacuum induction melting, and then were remelted by vacuum selfconsuming for a good homogenization. The ingots were hot-rolled
into sheets with the size of 2200 mm × 600 mm × 4 mm. Finally,
the sheets were prepared for solution treatment at 1177 ◦ C for
0.5 h followed by water quenching. The chemical composition of
GH3535 superalloy in this work was determined by inductively
coupled plasma atomic emission spectroscopy, and is listed in
Table 1. Fig. 1(a) shows an optical micrograph of GH3535 superalloy in as-received condition, which contains twins and equiaxed
grains. Fig. 1(b) shows a scanning electron micrograph of GH3535
superalloy, which consists of austenite ␥ phase and M6 C carbides
distributed in the grain boundaries and also inside the grains[20–22] .
An IPG YLS.10000 ﬁber laser was used in this study. Laser beam
was delivered to a laser welding head mounted on a 6-axis KUKA
robot through an optical ﬁber with a 200 m core diameter. The
laser beam was focused onto the specimen surface by a lens with a
200 mm focal length. The schematic of laser beam welding setup is
shown in Fig. 2. The sheet of GH3535 superalloy was sectioned into
small plates with the size of 300 mm × 100 mm × 4 mm. The plates
were cleaned using sand blasting to remove the surface oxide, then
the surface was cleaned with acetone before welding. The butt
plates were welded without any ﬁller metal. The welding direction was parallel to the rolling direction of the plate. The process
parameters of laser beam welding listed in Table 2 had been optimized according to weld appearance quality and nondestructive

For P = 2.8 × 60% = 1.68 kW, Q = 1680/(800/60 × 0.2) = 630 J/mm2 ,
where Q is heat input energy, P is laser beam power, V is welding
speed and d is the focused laser beam diameter on the surface.
Fig. 3(a) and (b) shows the appearance of laser weld. It can be
seen that there are no visual discontinuities such as cracks, surface porosities and so on. Fig. 3(c) shows the image of radiographic
inspection for the laser weld according to ASME BPVC-III NB-5320.
It is revealed that there are no visual porosities and cracks inside
the weld. In a word, the laser joint quality is satisfactory.
The weldments were sectioned into specimens for various
examinations by using an electrospark wire-electrode cutting.
Cross-sectional specimens for microstructure examination were

(1)

Table 1
Chemical composition of GH3535 superalloy (wt%)
Ni

Mo

Cr

Fe

Mn

Si

Al

C

P

S

B

Bal.

17.20

6.95

4.06

0.628

0.43

0.07

0.054

0.005

0.001

0.0008

Fig. 2. Schematic of laser beam welding setup.
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Table 2
Laser beam welding parameters
Peak power per pulse
(kW)

Pulse frequency
(Hz)

Duty cycle of laser
(%)

Welding speed
(m/min)

Defocus amount
(mm)

Shielding gas Top shielding gas ﬂow
(L/min)

Back shielding gas ﬂow
(L/min)

2.8

35

60

0.8

−2

Ar

15

mounted in epoxy resin, wet ground with SiC papers from 400 grit
to 2000 grit, and polished to a 0.05 m alumina paste for 2 min.
The metallographic specimens for optical microscopy (OM), scanning electron microscopy (SEM) and electron probe microanalysis
(EPMA) examinations were etched with a mixture solution containing 3 g CuSO4 and 80 mL HCl for 30 s to reveal their microstructure.
The specimen for electron backscatter diffraction (EBSD) examination should be polished by vibratory ﬁnishing machine for 1 h
without solution etched. The specimens for transmission electron microscopy (TEM) examination were prepared as follows:
The specimens of all-full laser weld metal were cut with a size
of 10 mm × 4 mm × 0.5 mm and abraded down to about 0.1 mm in
thickness, then punched into disks with a diameter of 3 mm, and
ﬁnally electrochemically polished with a solution of 5% perchloric
acid and 95% alcohol at about −30 ◦ C by using a TenuPol-5 twin-jet
electro-polishing machine.
The microstructures were examined by using a Zeiss M2m OM
and a Zeiss Merlin Compact SEM equipped with an Oxford energydispersive spectrometer (EDS). Accelerating voltage of 10 kV and
20 kV were used for SEM and EDS respectively. The elements quantitative analysis and mapping were detected by an SHIMADZU
1720H EPMA, with an accelerating voltage of 15 kV and a beam
current of 50 nA. The grain size calculation and crystallographic
orientation were investigated using EBSD, which was performed
on the Zeiss Merlin Compact SEM equipped with an Oxford Instruments AZtec system. An accelerating voltage of 20 kV and high
current mode were used for EBSD. The precipitates identiﬁcation
and semi-quantitative composition analyses were studied by using
a Tecnai G2 F20 S-TWIN TEM equipped with energy dispersive Xray (EDX) analysis system.
The tensile properties of specimens both of BM and laser welded
joints were tested by using a Zwick/Roell Z100 universal material
machine with a speed of 3.0 mm/min. Fig. 4 shows the size of tensile
specimens with 50 mm in gauge length. The weld reinforcement
was removed. The test standards are in accordance with ASTM E8
at room temperature and ASTM E21 at high-temperature. Three
measurements were carried out for each test group to decrease
the error. The specimens were held for 10 min at 650 and 700 ◦ C
in air condition to attain a homogeneous temperature distribution.
Except for high-temperature tensile tests, the tensile tests at room
temperature were also conducted. Vickers microhardness of crosssection of the joint was measured by using a Zwick/Roell ZHV-S
machine under a load of 200 g sustaining 15 s. The specimen was
measured from the weld center to BMZ with indentations at inter-

Fig. 3. Weld appearance and radiography image: (a) weld appearance of the top
side; (b) weld appearance of the back side; (c) radiography image of the joint.
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vals of 0.1 mm in the FZ and HAZ, and at intervals of 0.5 mm in the
BMZ. Three measurements were carried out for each indent.
3. Results and Discussion
3.1. Microstructure of the fusion zone
Fig. 5(a) shows the low magniﬁcation overview of joint
composed of BMZ, HAZ, and FZ. The fusion boundary (FB) is distinguished from Fig. 5(a) and (b). However, the HAZ and the boundary
between the BMZ and HAZ are hardly distinguished. Fig. 5(c) and
(d) show the microstructure of FZ consisted of dendrites, cells and
equiaxed subgrains. These subgrains were affected by the degree
of constitutional supercooling. Based on the concept of solidiﬁcation in a weld pool, temperature gradient G in a weld pool close
to FB is steeper than in interior weld pool, while growth rate R in
a weld pool close to FB is smaller than in interior weld pool. G/R
decreases from FB to interior weld pool[24] . That is the constitutional supercooling increasing from FB to interior weld pool, which
leads to the solidiﬁcation mode change from columnar dendritic
to cellular, and ﬁnally to equiaxed. Solidiﬁcation grain boundaries
(SGBs)[25] , which result from the intersection of packets of subgrains in FZ, are hardly observed in Fig. 5 because a few of secondary
phases precipitate. As a result, the EBSD technology was used to
study grain morphology because of its high clarity and accuracy.
Fig. 6 shows grains with different orientations marked with different colors. SGBs that are deﬁned as high angle grain boundaries
(HAGB) with more than 15◦ misorientation are revealed in Fig. 6.
The grain’s solidiﬁcation at the FB exhibits a growth initiation process called epitaxial growth. In fusion welding, the existing grains
at the FB act as the substrate for nucleation. Since the liquid metal of
the weld pool can wet substrate grains completely during autogenous welding, crystals can easily nucleate upon the substrate grains
without altering the existing crystallographic orientations. Based
on constitutional supercooling, the solidiﬁcation grains at the FB
are coarse columnar structures, while the solidiﬁcation grains at
the center of FZ are like equiaxed structures. The maximum grain
diameter of FZ is 255.02 m, while the minimum grain diameter
of FZ is 25.83 m. The average solidiﬁcation grain diameter of FZ is
69.74 m by measuring 78 grains’ sizes according to the statistics
by Tango analysis software. Note that the edge and corner grains
had been disregarded. It is evident that the microstructure of FZ has
highly inhomogeneous characteristics. In addition, a great number
of subgrains shown in Fig. 5(c) and (d), which are formed because
of the composition difference during solidiﬁcation, reveal less than
2◦ subgrain boundary misorientation according to Tango analysis
software. Consequently, it does not reveal any subgrain boundaries
in the interior of solidiﬁcation grains as shown in Fig. 6.
In order to further study the microstructure of FZ, the examination was carried out by SEM shown in Fig. 7. Fig. 7(a) shows

Fig. 4. Size of tensile specimens.
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Fig. 5. Optical photographs in the weld: (a, b) cross-section of weld bead; (c, d) fusion zone.

that there are ﬁne eutectic-like precipitates with the size of about
0.5–1.5 m dispersed in interdendritic region. Also, the precipitates with strip-like and eutectic-like shapes emerge at the SGB
in Fig. 7(b). It is revealed that the precipitate is rich in Mo, Si and C,
depleted of Ni and Fe from line scanning analysis of EDS shown in
Fig. 8. The precipitates may be carbides. It is known that the forming

of carbide is attributed to the forming carbide elements diffusion,
i.e., segregation at interdendritic region during the solidiﬁcation.
Based on the concept of solidiﬁcation, solute redistribution
of alloying elements in the solid-solution strengthened nickelbased alloy can be assessed effectively by the Brody–Flemings
equation[25] , which is given by:

Fig. 6. Grain morphology of the fusion zone by EBSD analysis (step size 2 m).

Fig. 7. Precipitates in the fusion zone: (a) interior grain, (b) SGB.
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Fig. 8. Elements distribution of precipitate by EDS analysis.

Cs = kC0 [1 − fs /(1 + ˛k)]
˛ = Ds tf /L2

k−1

(2)
(3)

where Cs is the solid composition at the solid/liquid interface, C0
is the nominal alloy composition, fs is the fraction of solid, k is the
equilibrium distribution coefﬁcient, ˛ is a dimensionless parameter, Ds is the diffusivity of solute in the solid, tf is the solidiﬁcation
time, and L is half the dendrite arm spacing. When diffusion in the
solid is insigniﬁcant, such that ˛ ∼ 0, Eq. (2) reduces to the wellknown Scheil equation[26] , which is given by
Cs = kC0 [1 − fs ]

k−1

(4)

Eq. (4) can be used when the cooling rate is rapid. The cooling
rate of solidiﬁcation can follow the empirical equation below[27] :
 = ks R n

(5)

where  is the average secondary dendrite arm spacing, which can
be measured to be about 3.42 m by Axio Vision microscopy software, R is the cooling rate, and ks and n are the constants. The
value of ks is 319.4 m K1/3 /s1/3 and n is −0.378 determined by
other researchers in a nickel-based alloy[28] . By using these values, the cooling rate of the FZ of GH3535 superalloy is computed
to be about 1.74 × 105 K/s. Such rapid cooling rate could appreciably limit the extent of solute back-diffusion during FZ solidiﬁcation
according to some studies[29,30] . Consequently, Eq. (4) can be used
to estimate the solute distribution coefﬁcient. When the undercooling at the dendrite tips is neglected, such that fs = 0 at the start of
solidiﬁcation, the ﬁrst solid to form from the liquid is the dendrite
core, which has a composition of kC0 . Therefore, the ratio of the
dendrite core composition (Cs ) to the nominal composition (C0 ),
given by k = Cs /C0 , will yield the partition coefﬁcient of an element
at the beginning of solidiﬁcation process. It means that the element will segregate to interdendritic region when k < 1, while it
segregates to dendritic core when k > 1. The dendrite core composition was quantitatively measured by EPMA, and the partition
coefﬁcients of the major metallic alloy elements in GH3535 superalloy were calculated and listed in Table 3. The results showed that
Si, Mo and Mn exhibited appreciable micro-segregation into the
interdendritic region, while Fe, Cr and Ni had some slight extent
micro-segregation into the dendritic core. It is noted that the partition coefﬁcients of C could not be determined due to the difﬁculty in
quantifying light elements with sufﬁcient accuracy. Nevertheless,
it can be conﬁrmed whether C segregate into the interdendritic
region or not by mapping analysis of EPMA shown in Fig. 9. The
back scattering electron image shown in Fig. 9(a) has marked the
location of the dendritic core, interdendritic region and carbides.
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The results show that C, which is similar to Si and Mo, segregates
into the interdendritic region, indicating that k value of C is lower
than 1.
Due to the micro-segregation of Mo, Si and C in the interdendritic region, it facilitates the forming of carbides at the end
of solidiﬁcation. In addition, SGBs, which are “high angle” grain
boundaries ﬁnally formed during solidiﬁcation, have more defects
and heterogeneity than the interdendritic region. This character
makes the carbide forming elements and carbon atoms easily diffuse toward SGBs and facilitate the forming of carbides. Those
carbides are minute with the size in the range of 0.5–1.5 m under
the rapid solidiﬁcation of laser beam welding. In order to identify the type of carbides, the carbides, located at the interdendritic
region of interior grain and the SGB, were analyzed by TEM and
EDX, as shown in Figs. 10 and 11, respectively. The results show
that the carbides, located at the interdendritic region of interior
grain (Fig. 10(a)) and the SGB (Fig. 11(a)), are rich in Mo-Si M6 C
type carbides although their shapes are different. The selected area
electron diffraction (SAED) pattern of M6 C carbide with [1̄11̄] zone
axis in Fig. 10(b) exhibits a face-centered cubic (FCC) crystal structure with a lattice parameter of about 1.112 nm. Also, the SAED
pattern of M6 C carbide with [11̄1] zone axis in Fig. 11(b) exhibits
FCC crystal structure with a lattice parameter of about 1.116 nm.
The M denotes Mo, Cr, Fe and Ni by EDX analysis shown in Fig. 10(c)
and Fig. 11(c).
From the study above, at the initiation of solidiﬁcation, the ﬁrst
solid to form will be ␥ dendrites with the reaction: L→␥. During
continued solidiﬁcation, the interdendritic liquid will be enriched
in Si, Mo and C, all of which exhibit partition coefﬁcients k < 1
in GH3535 superalloy. This segregation would accumulate during
cooling, which leads to M6 C type eutectic carbides to precipitate in
the interdendritic region at the terminal stages of solidiﬁcation by
eutectic type reaction: L→(␥ + M6 C). Consequently, the equilibrium
solidiﬁcation process of laser welded GH3535 superalloy follows
the reaction: L→L + ␥→L + ␥ + M6 C→␥ + M6 C.
3.2. Microstructure of the heat affected zone
Fig. 12 shows the microstructure of HAZ and BMZ by OM. It is
observed that the grains of HAZ and BMZ have no obvious change.
Further, the EBSD was used to calculate the grain size. Fig. 13 shows
grain morphology of HAZ and BMZ. The grains, whose boundaries
misorientation are more than 15◦ , are marked with different colors.
The average grain diameter of HAZ is 53.72 m by measuring 206
grains’ sizes as shown in Fig. 13(a), and that of BMZ is 55.26 m
by measuring 227 grains’ sizes shown in Fig. 13(b) according to the
statistics by Tango analysis software. Note that the edge and corner
grains and twin boundaries had been disregarded. The results show
that there are few effects on the grain size of HAZ by LBW. The reason is that the pulsed laser beam welding with the lower heat input,
can enhance the rapid solidiﬁcation and accelerate the thermal conduction, which weakens thermal accumulation near the fusion line.
So, no obvious HAZ is formed in the joint. In addition, the grain of
HAZ, as the stabilized authentic structure, is hardly changed when
the thermal accumulation is not enough.
The M6 C carbides in HAZ near the FB, however, were found that
their shapes have been changed as shown in Fig. 14. Fig. 14(a) shows
the carbide transformation. The carbide in the right part of the
Table 3
Chemical composition (wt%) of dendrite core by EPMA analysis and calculated equilibrium partition coefﬁcient (k)
Elements

Si

Cr

Mn

Fe

Ni

Mo

Dendritic core, Cs
k

0.321
0.747

7.189
1.034

0.555
0.884

4.305
1.060

72.333
1.025

15.296
0.889
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Fig. 9. Back scattering electron image (a) and EPMA mapping showing relative concentration for the dendritic core and interdendritic region, (b) C, (c) Si, (d) Mo, (e) Ni, (f)
Fe, (g) Cr.

image, which has suffered to some not enough increase in temperature, does not experience phase transformation and result in
sound primary carbide. When it is moved to the left part of the
image, the carbide shows a change resulting in partially liquidized
carbide, because the maximum temperature had been higher. Moving further to the left adjacent to FB, the primary carbide has mostly
transformed into a eutectic-like carbide due to a greater increase

in temperature. According to some researchers[17,31,32] , the transformation temperature of primary carbide in GH3535 superalloy
was above 1300 ◦ C. In addition, their results showed that the crystal structure of eutectic carbide had no change compared with the
crystal structure of primary carbide. Similarly, the eutectic carbide
in this study is also found to be M6 C carbide. Fig. 14(b) shows the
shape of eutectic phase clearly, where white phases with skeleton

K. Yu et al. / Journal of Materials Science & Technology 33 (2017) 1289–1299
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Fig. 10. TEM analyses of carbide of interior grain: (a) image of carbide; (b) SAED pattern of the carbide; (c) spectrum of EDX point analysis at the carbide marked as 1 in (a).

structure are M6 C carbides and gray phases among M6 C carbides are
austenite ␥ phases. As a result, the eutectic phase is M6 C-␥ eutectic.
The formation procedure of M6 C-␥ eutectic phase in nickel-based
alloy can be explained by constitutional liquation mechanism[23] as
follows. The BM contains large primary M6 C carbides both within
grains and along GBs, as shown in Fig. 1(b) by the SEM. When
the LBW process is carried out, the material is heated rapidly to
above solvus temperature TV , so M6 C does not have enough time to
dissolve completely in the ␥ matrix. Upon heating to the eutectic
temperature TE , the residual M6 C carbides react with the surrounding ␥ matrix, which also start to be dissolved. Note that although
the melting point of ␥ matrix is 1453 ◦ C, the addition of alloying elements owing to high-temperature diffusion from M6 C to ␥ matrix
could lower melting point of ␥ matrix near the carbide[33] . The
longer the time of high temperature above 1300 ◦ C remains, the
more the liquid transformation of primary carbide is. Under cooling, the eutectic liquid solidiﬁes into the eutectic solid and results
in M6 C-␥ eutectic phase.
The narrow band that undergoes partial melting of microstructure shown in Fig. 14(a) can be called the partially melted zone
(PMZ). The PMZ is only about 25 m in width because of little thermal accumulation by LBW, while the width of PMZ in GTAW is
about 150 m[32] . Liquation cracking can occur in the PMZ in some
nickel-based alloys when the continuous liquid ﬁlms are formed
along the grain boundaries, which cannot sustain the applied strain
and lead to crack. The liquid ﬁlms can be formed because of the segregation of impurity elements (S, P and B) to the grain boundaries.
In addition, the liquid ﬁlms also can be formed due to constitutional liquation occurring in nickel-based alloys, particularly those

with Ti and Nb additions. It is noted that P and S do not promote liquation cracking when total P + S contents are lower than
0.01 wt%[34] . In this work, the total P + S contents of the alloy are
0.006 wt%, and the B content is extremely low as 0.0008 wt%. In
addition, the GH3535 superalloy does not contain Ti and Nb. It
is suggested that the PMZ of GH3535 superalloy has lower liquation cracking susceptibility. Fig. 14(c) shows the grain boundary
in the PMZ. It can be observed that there is no boundary liquation
cracking.

3.3. Microhardness of the joint
The microhardness, which depends on both the composition
and the microstructure, is an important index to evaluate the material properties. The microhardness distributions with deviation
across FZ, HAZ and BMZ are presented in Fig. 15. The microhardness distribution begins with weld center and ends with BMZ due
to symmetrical characteristic of the joint. It can be seen that the
microhardness decreases from FZ to BMZ. The average microhardness of FZ, HAZ and BMZ are about 260 HV0.2 , 240 HV0.2 and 230
HV0.2 , respectively. From the study of the FZ microstructure, it can
be suggested that a great number of ﬁne M6 C-␥ eutectic phases
precipitated in FZ increase the microhardness of FZ. According to
the discussion in Section 3.2, the grain size of HAZ is almost not
affected by welding thermal cycle, and the boundary between HAZ
and BMZ is hardly revealed by OM (Fig. 12) and EBSD (Fig. 13). Consequently, the boundary between HAZ and BMZ is not marked in
Fig. 15. The result shows that the microhardness of HAZ near the FB
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Fig. 11. TEM analyses of carbide of grain boundary: (a) image of carbide; (b) SAED pattern of the carbide; (c) spectrum of EDX point analysis at the carbide marked as 2 in (a).

Fig. 12. Optical photographs of microstructure: (a) HAZ of the joint; (b) BMZ of the joint.

is a little higher than that of base metal, which implies no damage
of mechanical properties in HAZ.
3.4. Tensile properties of the joint
In order to comprehensively evaluate tensile properties both of
BM and welded joints, the tests at room temperature were carried
out for primary study. Further, the tests at 650 and 700 ◦ C, which
are operative temperatures for nuclear reactor system, were carried out. Fig. 16 shows typical stress–strain curves of BM and joint
under different conditions. It can be seen that the curves of BM
and joint tested at room temperature reveal smooth characteristic,
while the curves tested at 650 and 700 ◦ C reveal serrated ﬂow characteristic known as Portevin–Le Chatelier (PLC) effect. This effect

is explained by dynamic strain aging (DSA), which is the dynamic
interactions between mobile dislocations and solute atoms during
plastic deformation[35] .
Fig. 17 shows the results of tensile properties revealing the average value and deviation of ultimate tensile strength and elongation.
From the results in Fig. 17(a), the BM possesses the ultimate tensile
strength of 805, 551 and 499 MPa at room temperature, 650 and
700 ◦ C, respectively, while the joints possess the ultimate tensile
strength of 792, 533 and 496 MPa at room temperature, 650 and
700 ◦ C, respectively. The strength coefﬁcient of the joint, which is
the ratio of the strength of joint to the strength of BM, are 0.98, 0.97
and 0.99. It indicates that the laser welded joints exhibit excellent
ultimate tensile strength. From the results in Fig. 17 (b), the BM
possesses the elongation of 55%, 37% and 36% at room temperature,
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Fig. 13. Grain morphology by EBSD analysis (step size: 2 m): (a) HAZ of the joint, (b) BMZ of the joint.

Fig. 14. Microstructure of HAZ by SEM analysis: (a) morphology of carbide evolution; (b) morphology of eutectic phase; (c) morphology of grain boundary.

Fig. 15. Microhardness distributions of the cross-section of the joint.

Fig. 16. Stress versus strain curves of BM and welded joint under different conditions.

650 and 700 ◦ C, respectively, while the joints possess the elongation of 48%, 30% and 28% at room temperature, 650 and 700 ◦ C,
respectively. It indicates that the elongation of laser welded joints
is inferior to that of BM.
Fig. 18 shows the macrographs of tensile fracture location under
different conditions. All the tensile specimens of welded joints are
not failed at the FZ, but near the FB shown in Fig. 18(b). For further
study, the cross section welded specimens were made and revealed
by OM shown in Fig. 19. The fracture micrographs of welded specimens, shown in Fig. 19(a), (b) and (c), respectively, exhibit the
same fracture location, where it has appropriately 0.1 mm distance

from the top of FB and appropriately 1.0–1.5 mm distance from the
middle of FB. As for tensile test, the initiation and propagation of
microvoids and cracks generally derive from the middle of specimen, while the rapid fracture always happens near the edge with
tearing feature. So it should be focused on the middle of the fracture specimen to study the fracture behavior. It is evident that the
M6 C-␥ eutectic phases formed in PMZ of HAZ do not affect the tensile fracture behavior. Fig. 20 shows the fracture morphology both
of BM and welded joints under different test conditions. Fig. 20(a),
(b) and (c) shows the fracture morphology of BM at room temperature, 650 and 700 ◦ C, respectively. It is seen that the fracture of
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Fig. 17. Tensile properties of BM and welded joint under different conditions: (a) ultimate tensile strength of specimens; (b) elongation of specimens.

BM at room temperature is a ductile fracture with small and deep
dimples and microvoids. In addition, M6 C carbides can be found
on the fracture surface. As the temperature increases, the dimples
become large and shallow and the number of dimples decreases.
The fracture of BM, however, also exhibits the ductile fracture at
high-temperature. Fig. 20(d), (e) and (f) shows the fracture morphology of welded joints at room temperature, 650 and 700 ◦ C,
respectively. The results show that the fracture of welded joints
shares the same characteristic as the BM with the ductile fracture.
From the above study, the welded joints exhibit excellent on
tensile properties. The FZ possesses so high strength that the failure locations of welded joints are not in FZ. It is suggested that the
excellent performance of FZ is signiﬁcantly affected by the precipitation of M6 C-␥ eutectic phases. In our previous study[19] , there are
no carbides precipitated in FZ when the GH3535 superally of low
carbon (0.018 wt% C) was welded by LBW using the same welding
process as that of this work. The ultimate tensile strength of aswelded joints was 497 MPa, while the strength of BM was 550 MPa
at 650 ◦ C. All the welded joints tested in tension were failed in FZ. In
other words, the FZ was the weakest site of the joint. In this study,
however, there are quantities of M6 C-␥ eutectic phases precipitated
in FZ (Fig. 7) when the GH3535 superalloy of high carbon (0.054 wt%
C) was welded by LBW. The ultimate tensile strength of as-welded

joints was 533 MPa, while the strength of BM was 551 MPa at 650 ◦ C.
All the welded joints tested in tension were not failed in FZ, though
there were a few of micro porosities with the size of 50–150 m
in FZ (Fig. 19). Although the solid-solution strengthening effect of
FZ may be reduced because of the segregation during solidiﬁcation, it can be compensated by the dispersive formation of M6 C-␥
eutectic phases in the interdendritic region and SGBs, which result
in second phase strengthening known as Orowan mechanism. The
mechanism can be described in brief as follows[36] : When the dislocations are impeded by the precipitates during deformation, the
dislocation line will be bended around the precipitates initially.
The dislocation loops will be formed around the precipitates as the
stress increase ﬁnally, which can restrain the operation of dislocation source and prevent the dislocations from moving further that
leads to the increase in stress when the deformation carries on.
Aside for excellent performance of FZ, the HAZ also exhibits
excellent performance as there is no boundary liquation cracking
as shown in Fig. 14(c). Meanwhile, the microhardness of HAZ is
higher than that of BMZ, which implies higher strength of HAZ.
The strength undermatching in the FZ, HAZ and BMZ leads to a
strain localization in the BMZ, which will lead to deform ﬁrstly in
BMZ during deformation. That is the reason why the tensile fracture
occurs in BMZ.

Fig. 18. Macrographs of tensile fracture under different conditions: (a) specimens of BM; (b) specimens of welded joints.

Fig. 19. Micrographs of cross sectional welded specimens: (a) fracture specimen at room temperature; (b) fracture specimen at 650 ◦ C; (c) fracture specimen at 700 ◦ C.
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Fig. 20. Fracture morphology of specimens: (a) fracture surface of BM at room temperature; (b) fracture surface of BM at 650 ◦ C, (c) fracture surface of BM at 700 ◦ C; (d)
fracture surface of welded joint at room temperature; (e) fracture surface of welded joint at 650 ◦ C; (f) fracture surface of welded joint at 700 ◦ C.

4. Conclusions
(1) Laser beam welding was feasible to autogenously weld the
GH3535 superalloy, and sound joints with no cracks and macro
porosities can be attained by using appropriate welding parameters.
(2) Fine M6 C-␥ eutectic phases, which were rich in Mo and Si when
k < 1, were precipitated in the interdendritic region of FZ due to
elements of forming carbide segregation during the solidiﬁcation. In addition, a few strip-like M6 C carbides were precipitated
at SGB.
(3) M6 C-␥ eutectic phases, which were transformed from primary M6 C carbides subjected to be heated above 1300 ◦ C, were
observed in PMZ of HAZ with the range of about 25 m. While
there were no boundary liquation cracking.
(4) The strength coefﬁcient of the joint, which was the ratio of the
strength of joint to the strength of BM, were 0.98, 0.97 and
0.99 at room temperature, 650 and 700 ◦ C, respectively. The
FZ was strengthened by ﬁne M6 C-␥ eutectic phases, which act
as an obstacle to dislocations motion during deformation. As
a result, the tensile specimens were failed in BMZ rather than
in PMZ.
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